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the tensile properties of polyethylenes

A. J. PEACOCK* , t , L. MANDELKERN* , R. G. ALAMO u

Department of Chemistry and Institute of Molecular Biophysics, Florida State University,
Tallahassee, FL 32306, USA
E-mail: mandelk@sb.fsu.edu

J. G. FATOUs

Instituto de Ciencia y Tecnologia de Polimeros, Consejo Superior de Investigaciones
Ciencias, Juan de la Cierva, 3 Madrid-28006, Spain

The force—elongation curves and key tensile parameters of a set of polyethylenes were
studied over the temperature range from!100 °C to their respective melting temperatures,
at a fixed strain rate. The polymers chosen possessed a diverse molecular architecture and
constitution. They were crystallized in such a manner as to generate a wide range in
crystallinity levels and supermolecular structures. Unique to this work are accompanying
dilatometric studies. These enabled the changing level of crystallinity with temperature to be
monitored. The force—elongation curves that were obtained varied in a systematic manner
with the chain structure and deformation temperature. The yield stresses of all the polymers
were very similar to one another in the region of the glass transition temperature. However,
they diverged at elevated temperatures, depending on the chain structure, linear or
branched, and the level of crystallinity. The change in the ultimate properties, the draw ratio,
kB, after break and the true ultimate tensile strength, with deformation temperature could be
correlated with the changing level of crystallinity. The temperature dependence of these
properties are strongly dependent on molecular weight and, except for the very highest
molecular weights, a maximum is observed. Possible mechanisms that govern the ultimate
properties are presented and discussed. The temperature dependence of the yield stress
could not be correlated with the dislocation theory that has been developed to describe
yielding.  1998 Chapman & Hall
1. Introduction
The mechanical properties of semicrystalline polymers
have received a great deal of attention and study
because of their intrinsic scientific interest and practi-
cal importance. In addition to theoretical analyses
there has been a great deal of interest in assessing the
role of molecular constitution as well as the influence
of the key structural variables that define the crystal-
line state. Molecular contributions includes the mo-
lecular weight, distribution, as well as the structural
and chemical regularity of the chains. The indepen-
dent structural variables include the level of crystal-
linity, the crystallite and interlamellar thicknesses and
the supermolecular structure [1, 2]. Besides these vari-
ables, which are characteristic of the molecular system
being studied, the roles of temperature and strain rate
in the deformation process also need to be assessed.
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Because of the wide diversity of factors that have to be
considered, the molecular and structural basis under-
lying the deformation process is not as well under-
stood as would be desired. Recent force—elongation
studies have been directed to assessing the role of
molecular constitution and structural factors by
isolating the different variables involved [3—7]. Sev-
eral major features governing the deformation process
emerged from these studies. In the main, the studies
where the variables have been controlled have usually
been limited to one deformation temperature and
strain rate. To obtain a better understanding of the
tensile behaviour of crystalline polymers these vistas
need to be expanded.

In the present paper, attention is focused on the role
of the deformation temperature on the tensile proper-
ties of a set of polyethylenes. The polymers studied
any, PO Box 5200, Baytown, TX 77522-5200, USA.
ltural and Mechanical University—Florida State University, College of
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TABLE I Characteristics of samples

Polymer M
8
]105 M

8
/M

/
Branch

Polyethylene type content!

A Linear 1.5 12.5 —
B Linear 5 5.5 —
C Linear 9.7 4.4 —
D Linear 20" — —
E Linear 80" — —
F Branched 3.46 18.5 12.8
high-pressure
G Ethylene—vinyl — — 21
acetate copolymer
H Ethylene—butene 1.4 7.1 17
copolymer

! Branch points per 1000 carbon atoms.
"Viscosity average.

include linear and branched polyethylenes, so chosen
to encompass a range in molar mass, polydispersity
and molecular architectures. These samples were cry-
stallized in such a manner so as to develop as wide
a range as possible in crystallinity levels and super-
molecular structures. The deformation temperatures
varied from !100 °C to close to the melting temper-
ature of each polymer. Force—elongation curves were
obtained over this temperature interval. The crystal-
linity levels of the samples were monitored from
!30 °C by volume dilatometric measurements. These
corollary studies allowed an assessment to be made of
the influence of the decreasing crystallinity on the key
tensile parameters.

2. Experimental procedure
2.1. Materials
Five linear and three branched representative poly-
ethylenes were chosen for study. Their molecular char-
acteristics are listed in Table I. Because of the large
amount of sample needed for each set of experiments,
unfractionated, commercial materials were used. Con-
sequently, the samples all had broad molecular weight
distributions rather than the preferable narrow distri-
butions [6]. Sample F was prepared by high-pressure
free-radical polymerization. Consequently, together
with the long-chain branches, short-chain branches
consisting mainly of ethyl and butyl groups were also
present. Sample G was also prepared by high-pressure
free-radical polymerization. Therefore, in addition to
the acetate branches it also contained olefinic
branches similar to those found in polymer F. Sample
H, with ethyl side groups is a conventional ethylene-1
alkene copolymer polymerized with a Ziegler—Natta-
type catalyst. The value of the branch content given in
Table I include all the branch types, as determined by
conventional 13C nuclear magnetic resonance [8, 9].

2.2. Methods
Samples were compression moulded in a hot press at
temperatures about 25 °C above their peak melting
temperature, as determined by differential scanning
calorimetry (DSC). The samples were completely
melted prior to the application of a load of about
2256
550 lbf in~2 to produce films approximately
0.25—0.50mm thick. The molten films were allowed to
equilibrate under pressure for 5 min prior to cooling.
Samples to be slowly cooled were moulded between
aluminium plates 6.4 mm thick lined with polytetra-
fluoroethylene sheets 1.6 mm thick. Prior to removal
from the press, the resulting ‘‘sandwich’’ of metal and
polymer was clamped together using spring clips.
Upon removal from the press the sandwich was al-
lowed to cool to room temperature on a wire cooling
grid. Samples that were to be quenched were moulded
between steel plates 0.8 mm thick lined with alumi-
nium foil 0.1 mm thick. Prior to removal from the
press, the sandwich was clamped together using vice
grips. Upon removal from the press the sandwich was
plunged directly into a slush bath of ice—water or dry
ice—isopropanol at 0 °C or !78 °C, respectively. Sam-
ples that were to be isothermally crystallized were
moulded in the same manner as quenched samples
and then crystallized in oil baths set at the appropriate
temperature, thermostated to $0.1 °C.

The density of the moulded samples were deter-
mined to four significant figures by flotation in a den-
sity gradient column consisting of triethylene glycol
and isopropanol. The degree of crystallinity on a den-
sity basis, (1!k)

$
, was calculated by the method of

Chiang and Flory [10] using 1.000 g cm~3 and 0.853
g cm~3 for the densities of the crystalline and non-
crystalline regions, respectively. The degree of crystal-
linity is calculated to $0.5% by this method. This
method was not applicable to sample G because the
appropriate constant for the density of the non-cry-
stalline region is unavailable.

Heats of fusion, *h
&
, and melting temperatures, ¹

M
,

were measured in a Perkin—Elmer DSC-2 calibrated
with indium. Specimens of 3.0$0.2mg were sealed in
aluminium pans and heated over the range 270—450K
at 10 °C min~1. The melting endotherm was defined
by drawing a straight baseline from the onset of
melting to its conclusion. The area of each endotherm
was determined by planimetry. The degree of crystal-
linity determined by this method, (1!k)*H , was cal-
culated from *h

&
, assuming 69 cal g~1 for completely

crystalline polyethylene [11]. The error associated
with this method is estimated to be $5%.

The degree of crystallinity of the samples was also
determined by analysis of their Raman internal mode
spectra, utilizing the method of Strobl and Hagedorn
[12], as refined in this laboratory [13—15]. Three
parameters describing the phase structure can be
determined from the Raman internal modes. These are
as follows: a

#
, the fraction of chain units in the perfect

crystal, i.e., the core crystallinity; a
!
, the fraction of

chain units in the liquid-like disordered region; a
"
, the

fraction of the system comprising the anisotropic
interfacial region wherein the units are in a partially
ordered state. The quantities a

#
and a

!
can be deter-

mined directly from the spectra. The interfacial frac-
tion is defined as

a
"
"1!(a

#
#a

!
) (1)

The supermolecular structures were characterized
by small-angle light scattering using the photometer



previously described [16]. The terminology that clas-
sifies the superstructures is the same as that used
previously [16, 17]. Thus, a, b and c represent
spherulitic morphology with decreasing structural or-
der while h indicates the absence of a defined super-
molecular structure.

The crystallization conditions and structural char-
acteristics of the samples in the semicrystalline state
are given in Table II.

The variation in the crystallinity level during fusion
was followed over the range from !30 °C to 150 °C
by dilatometry. The dilatometers used were of the type
initially described by Bekkedahl [18] that were modi-
fied for small quantities of sample [19—21]. The capil-
lary of 0.5 mm diameter and the bulb, where the
sample was confined, were set at a 90° angle. The
dilatometers were filled with mercury under high vac-
uum. Approximately 500 mg of bubble-free sample
was used. The dilatometers were further immersed in
a thermostated oil bath whose temperature was con-
trolled to $0.1 °C. The temperature of the bath was
increased in 2—3 °C increments. The dilatometers were
held at each temperature until constant readings were
attained. The calculations of the crystallinity levels
were carried out as previously described [21]. The
specific volume of the liquid (amorphous) polymer
was calculated following the relation given by Chiang
and Flory [10].

»
1
"1.152#8.8]10~4¹ (¹ in °C)

The non-linearity of the expansion coefficient, a
#
, of

the crystalline region was taken into account accord-
ing to published data [21]. In the temperature interval
between 0 and 50 °C, the a

#
value reported by Quinn

and Mandelkern [11] was used (2.81]10~4K~1),
and in the temperature interval 0—100 °C the value
reported by Cole and Holmes [22] was taken
(2.95]10~4K~1). In the temperature interval be-
tween 100 and 150 °C the expansion coefficient was
taken as 2.59]10~4K~1 [10]. Thus, the specific vol-
ume—temperature relations used are

»
#
"0.993#2.81]10~4¹ for !50 to 0 °C

»
#
"0.993#2.94]10~4¹ for 0 to 100 °C

»
#
"0.993#2.59]10~4¹ for 100 to 150 °C
Dumbbell-shaped specimens were used for the ten-
sile experiments. They were cut from the compression
moulded films with a die cutter and had a gauge
length of 5 mm and a width of 2.56 mm. For a given
sample and set of crystallization conditions, all the
tensile test specimens were cut from a single film.
Samples were drawn at a constant elongation rate of
25.4 mmmin~1. The deformations were carried out in
two laboratories. C. S. Speed of Exxon Chemical
Company at the Baytown Polymers Center carried
out the deformation of samples at temperatures, ¹

$
,

from !100 °C to room temperature, 22 °C. Deforma-
tion from 25 to 130 °C was carried out at the Instituto
de Ciencia y Tecnologia de Polimeros, Madrid. Allow-
ing for the slight discrepancy in temperatures, excel-
lent agreement was achieved between the room-
temperature results from the two laboratories. The
two sets of data overlap in a continuous manner.

The yield stress, the draw ratio after break, k
B
, the

ultimate tensile stress and the true ultimate tensile
stress (TUTS), defined as the ultimate tensile force
multiplied by k

B
divided by the original cross-

sectional area, were determined as described pre-
viously [4]. Therefore, a homogeneous deformation is
assumed in calculating TUTS. A minimum of six inde-
pendent measurements were made for each set of
conditions and the results averaged.

3. Results and discussion
3.1. Specimen characteristics
The values of some of the key structural parameters
that describe and define the crystalline state are given
in Table II, for each of the polymers studied, together
with the corresponding crystallization conditions. It is
important to note the wide range in crystallinity levels
that is attained by varying the molecular weight and
crystallization conditions. For the linear polyethyl-
enes the level of crystallinity varies from about 46 to
80%, when calculated on the basis of the enthalpy of
fusion. The crystallinity level is reduced to the 20—30%
range for the structurally irregular branched chains.
The observed melting temperatures, as determined
by DSC at a heating rate of 10 K min~1, vary from
102 to 140.5 °C. The latter, very high value was for
TABLE II Crystallization conditions and solid-state properties of the polyethylenes studied

Polymer Crystallization (1!k)
$

(1!k)*II a
#

a
!

a
"

¹
M

¹
*

¹
1@2

Supermolecular
conditions (%) (%) (%) (%) (%) (°C) (°C) (°C) structure

A Slow cooled 81 67 75 17 8 136 35 130 h
A 128.5 °C, 17 days 90 82 87 10 3 140.5 70 135 h
B Quenched, !78 °C 56 51 44 38 18 134.5 35 130 c
B 90 °C, 30 min 64 59 48 33 19 135.5 — — —
B 115 °C, 30 min 68 59 56 28 16 137 — — —
B 121 °C, 30 min 70 59 54 27 19 138 — — —
B 125 °C, 30 min 70 62 56 31 13 138.5 35 130 h
C Slow cooled 64 53 51 35 14 135 — — c
D Slow cooled 61 43 44 38 18 137.5 40 130 c
D 120 °C, 30 min 61 50 48 36 16 137 — — —
E Slow cooled 59 46 42 39 19 133 40 130 h
F Slow cooled 51 26 28 50 22 108.5 35 105 a
G Quenched — 27 30 50 20 120 20 95 h
H Slow cooled 51 23 23 53 24 102 35 110 b
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a specimen that was isothermally crystallized at a high
temperature for an extremely long time. A range in the
supermolecular structures has also been attained. In
some cases, designated by the letter h, no super-
molecular structures including spherulites, are ob-
served. Before examining the temperature dependence
of the tensile behaviour it is important that the fusion
process be investigated. It can be expected that the
changing level of crystallinity with temperature will
influence the character of the force—elongation curves
as well as the values of the key tensile parameters.
2258
3.2. Melting behaviour
The crystallinity level, 1!k, is plotted in Fig. 1a and b
as a function of temperature for some of the linear and
branched polymers, respectively, that were studied.
The course of the fusion is of primary interest. The
differences observed in the fusion process are those
expected for the chain structures and crystallization
conditions involved. For example, the fusion of the
two structurally irregular chains (Fig. 1b) is broader
and more diffuse than the linear polymers. For a given
molecular weight, the melting of the linear polymer is
Figure 1 (a) Plot of crystallinity level, 1!k, as determined from dilatometry, as a function of temperature for linear polyethylenes. (d),
sample A, slowly cooled; (=), sample B, crystallized at 125 °C; (s), sample D, slowly cooled. For clarity, 1!k values are displaced by 0.02 and
0.06, respectively. Vertical arrows represent the onset of melting, ¹

*
, and ¹

1@2
(Table II) the temperature at which the same is half melted. (b)

Plot of the crystallinity level, 1!k, as determined from dilatometry, as a function of temperature for branched polyethylene. (s), sample F;
(d), sample G. The vertical arrows are the same as in (a).



sharper for the high-crystallinity sample, while the
highest-molecular-weight polymers melt more broad-
ly than the others. Indicated in Fig. 1 and also listed in
Table II, are the temperatures, ¹

*
, at which melting is

first detected and the temperatures, ¹
1@2

, that corres-
pond to the disappearance of half of the initial crystal-
linity. Some of the changes that are observed in the
tensile behaviour will be discussed in terms of the
fusion process and the changing level of crystallinity.
This is one of the few investigations where the tensile
behaviour and course of fusion are studied concur-
rently on the same samples.

3.3. Yield stress
A plot of the yield stress against the deformation
temperature is given in Fig. 2 for all the polymers
studied here. The results can be placed into two dis-
tinct categories. Except for the lowest deformation
temperature the linear polyethylenes (open symbols)
fall into one group while the branched and
copolymers (full symbols) are in another. At the lowest
temperatures, the yield stresses of all the polymers are
in the range 50—65 MPa. They are independent of the
molecular constitution of the chains as well as the
structural and morphological characteristics of the
crystalline state. Brown and Ward [23] found very
similar results for two linear polyethylenes whose mo-
lecular and structural characteristics were, however,
similar to one another. The generalization can be
made from the present results that in the low-temper-
ature region (about !100 °C) the yield stress does not
depend on either the molecular constitution of the
chains or the structure and morphology in the crystal-
line state. This temperature region is close to or slight-
ly above the glass temperature (c transition) of both
linear and branched polyethylenes [24—28]. Thus, as
was suggested previously, the yield stresses of the glass
and the crystalline region are close to one another
[23].

When the deformation temperature exceeds the
glass temperature region, the curves for the branched
and linear polyethylenes clearly diverge from one an-
other. The yield stresses of the linear polymers are
greater and order according to the crystallinity level.
The yield stress of the branched polymers decreases
with increasing temperature at a rate that is approx-
imately twice that of the linear polyethylene. More-
over, while the yield stress—temperature relation of
each of the linear polyethylene samples delineate sep-
arate curves, the data for the three branched samples
all fall on a common curve. However, at the highest
deformation temperatures, 90 °C or above, the yield
stresses of the linear polymers merge into one another.

Since the yield stresses of both linear and branched
polyethylenes depend on the crystallinity level, parti-
cularly the core crystallinity [3—6], it is not surprising
that the yield stresses of the branched polymers are
lower than those of the linear polymers at temper-
atures above the glass temperature. Since the crystal-
linity levels of the three branched polymers are very
close to one another (see Table II), we would also
expect that their yield stresses would be similar, as is
observed. The yield stresses of the branched polymers
decrease smoothly and monotonically with increasing
temperature. There is no indication of any discontinu-
ity in the region of the b transition. Although this
transition has been attributed to the glass temper-
ature, it has, however, been shown to be a property of
the interfacial region [29, 30]. The monotonic de-
crease in the yield stress over a wide temperature
range is a reflection of the broad fusion range, and the
attendant decrease in crystallinity. This type of
melting is characteristic of random copolymers [31].
Figure 2 Plot of yield stress against deformation temperature for linear and branch polyethylenes. (s), sample A, slowly cooled; (=), sample
A, crystallized at 128.5 °C; (h), sample B, quenched at !78 °C; (n), sample C, slowly cooled; (c) sample D, slowly cooled; sample E, slowly
cooled; (d), sample F, slowly cooled; (j), sample G, quenched; (m), sample H, slowly cooled.
2259



The yield stress approaches zero in the vicinity of
100—115 °C. This temperature range is very close to
the melting temperature. At slightly lower temper-
atures the yield stresses are very small, reflecting the
very low levels of crystallinity.

The curves for the linear polyethylenes in Fig. 2 are
quite different. From slightly above !100 °C to
about 90 °C each polymer delineates a separate curve.
The separation between the curves is based on the
crystallinity level. This dependence becomes very clear
when the room-temperature yield stress is plotted
against the crystallinity level. This correlation is well
documented for a wide range of polyethylene samples
covering a wide variety of structures and morphology
[3, 6, 7, 32—35]. It is interesting to note that in the
vicinity of 0 °C there is a change in slope in the yield
stress—temperature curves. Above this temperature the
decrease in yield stress becomes more rapid. The
curves merge into one another at about 110 °C and
appear to approach zero at temperatures slightly
above 130 °C. The convergence close to the melting
temperature has been observed by others [36—38].
This behaviour is a manifestation of the very low
levels of crystallinity in the melting range for the linear
polymers. The different temperature ranges between
the linear and branched polymers for the approach to
zero yield stress are due to the different melting tem-
peratures, which in turn are due to the different chain
structures. Similar results have been reported for the
temperature at which the yield stress approaches zero
[36—38].

Sample A, which was isothermally crystallized at
128.5 °C for 17 days, represents a special case. The
crystallization conditions were chosen so as to achieve
a very high degree of crystallinity, 0.90 on a density
basis. At temperatures less than 75 °C the sample
undergoes brittle failure and no yield maximum
occurs prior to break. The onset of a ductile-type
2260
deformation at this temperature corresponds closely
to the onset of melting, and a decrease in the crystal-
linity level, as determined by the dilatometric
measurements. It has been shown that the ductile-to-
brittle transition occurs sharply, with just small cha-
nges in the crystallinity level [5]. The result with this
sample is consistent with the earlier observations.

It has been suggested that the yield stress is in-
fluenced by the location of the a transition [39]. The
temperature, ¹a , of the a transition depends primarily
on the crystallite thickness, which can be varied sys-
tematically by changing the crystallization conditions
[30]. To examine this postulate, sample B was crystal-
lized under four different regimes that were so chosen
that ¹a should vary by about 40—50 °C [30]. The yield
stress—temperature plots of four different specimens of
polymer B, crystallized at different temperatures, are
given in Fig. 3. The shapes of the curves in Fig. 3 are
very similar to one another. The curves are displaced
only according to their crystallinity levels. Therefore,
we can conclude that the a transition plays a negli-
gible role in the yielding process. We should also note
that there is no correlation between the yield stress
and the supermolecular structure as defined by small-
angle light scattering.

The experimental findings with respect to the yield
stress—temperature relations give some of the basic
data necessary to examine some of the molecular and
structural interpretations that have been suggested for
yielding in semicrystalline polymers. Several different
mechanisms have been proposed. One proposal is that
yielding in crystalline polymers in general, and the
polyethylenes in particular, involves the thermal ac-
tivation of screw dislocations, with the Burgers vector
being parallel to the polymer chain direction [40—43].
The expected dependence of the shear yield stress on
the crystallite thickness and on the deformation tem-
perature can be calculated from this dislocation
Figure 3 Plot of yield stress against deformation temperature for sample B crystallized under different conditions. (s), Quenched at !78 °C;
(h), crystallized at 90 °C for 30 min; (n), crystallized at 115 °C for 30 min; (£), crystallized at 125 °C for 30 min.



model. An outline of the theory, sufficient for present
purposes, is given below.

The free energy, *G, required to form a screw dislo-
cation of Burgers vector, b, located at a distance, l,
from the edge of crystallite of thickness, ¸

#
, for a re-

solved shear stress, s
:
, is given by

*G"

kb2¸
#

2p
lnA

1

r
0
B!bl¸

#
s
:

(2)

Here k is a function of the shear modulus of the
crystal, b is the magnitude of the Burgers vector, has
the value of 25.4 nm, the c-axis dimension of the unit
cell, and r is the core radius of the dislocation and is
thought to be of the order of 2b [40—42]. The critical
value of l that is required to activate the dislocation,
designated as l

#
, is obtained from the maximum in *G,

*G
#
. It is given by

l
#
"

kb

2ps
:

(3)

The corresponding activation energy for dislocation
growth is given by

*G
#
"

kb2¸
#

2p ClnA
l
#

r
0
B!1D (4)

From Equations 2 and 3, one obtains

s
:
"

k

4p CexpA
2p*G

#
kb2¸

#

#1BD
~1

(5)

Equation 5 directly relates the shear yield stress, s
:
, to

the crystallite thickness, ¸
#
, and to the temperature,

through *G
#
. *G

#
is thought to be in the range of

30—80 k¹ [42].
Experimentally the tensile yield stress, r

:
, is meas-

ured. It can be converted to the required shear yield
stress by the relation s

:
"r

:
/2 [40—42]. Young

[40—41] has suggested that the crystal, or reduced
shear stress, defined as s0

:
,s

:
/a

#
be used. Crist et al.

[42] however, used s
:
in analysing experimental data.

It has been reported that Equation 5 did not hold for
linear polyethylene, at a fixed deformation temper-
ature, over a crystallite thickness range 1000—4000nm,
irrespective of whether the resolved yield stress, or
‘‘crystal’’ yield stress were used [6]. For random
copolymers, when the thicknesses are usually restricted
to the small range of 500—1000 nm a rationalization
could be made for the dislocation theory in terms of the
experimental results. On this basis, despite the lack of
quantitative agreement between the theoretical expec-
tations and the observed crystallite thickness the theory
predicts the correct order of magnitude of the yield
stress. The yield stress—temperature data given in Fig.
2 allow an assessment to be made of the validity of the
temperature dependence as expressed by Equation 5.

In Fig. 4 a comparison is made between the
expected temperature dependence of the resolved
shear stress, as embodied in Equation (5), and some
representative experimental results for both the linear
and the branched polyethylenes. The theoretical plots
given in the figure cover a range in parameters; *G

#
from 30 kT to 80 kT and ¸

#
from 1000 to 2000nm. The

experimental data selected for illustrative purposes are
Figure 4 Plot of resolved shear stress q against deformation temper-
ature. Solid curves without data points, theoretical according to
dislocation theory with values of *G* and ¸

#
indicated; solid curves

through data points, experimental results (d), sample A, slowly
cooled; (s), sample B, quenched at !78 °C; (s), sample F, slowly
cooled.

for slowly cooled sample A, quenched sample B and
slowly cooled long-chain branched sample F. The
other polymers studied follow a similar pattern. The
shapes of all the theoretical curves are very similar to
another. However, they are displaced from each other,
depending on the values of *G

#
and ¸

#
. The shapes of

the experimentally derived curves are also qualitat-
ively similar to one another. The plots make clear,
however, that the experimental curves are quite differ-
ent from the theoretical expectation. The experimental
curves are much steeper than the theoretical curves at
low and moderate temperatures and actually intersect
the theoretical curves at higher temperatures. This
comparison is similar to the two examples cited by
Crist et al. [42]. One can conclude that the dislocation
theory, as it has been presented, does not satisfy the
experimental data as far as the temperature depend-
ence is concerned. However, as has been pointed out,
the theory does predict the correct order of magnitude
of the resolved shear stress at moderate temperatures.

It is well established that the yield stress is directly
proportional to the core level of crystallinity. Thus,
there are strong indications that changes in the struc-
ture of the crystallite, and the associated regions, are
involved in the deformation process in the low-strain
region. On the other hand, the shape of the
force—length curve in the yield region is dependent on
the molecular weight [3—6], crystallinity level [6] and
the overall shape of the lamellar crystallites [44].
Thus, other factors, besides the crystallites themselves,
must be involved in the yield process. It is apparent
that the present form of the screw dislocation model
needs to be modified.

In another approach to the problem, the deforma-
tion of highly oriented samples of linear polyethylene,
which had single-crystal texture, was studied [45—48].
By design, therefore, only changes within the crys-
tallite interior are studied. Consequently, only the
2261



slippage of particular crystallographic planes were
described and it was deduced that this process domin-
ated over the complete deformation range.

In contrast with mechanisms restricted to changes
within the crystallite interior, Flory and Yoon [49]
have proposed that a partial melting—recrystallization
process plays a major role in the total deformation.
Under the applied stress, isothermal melting, abetted
by any adiabatic heating of the smaller imperfect cry-
stalline region will take place, followed by an oriented
recrystallization. During the deformation, adiabatic
heating will take place. However, a temperature rise is
not required for the partial melting; the applied stress
is adequate by itself. Therefore, the actual magnitude
of any temperature rise is not directly pertinent to the
proposed mechanism.

Small-angle neutron scattering studies of the defor-
mation, in shear, of mixtures of deuterated and proto-
nated linear polyethylene have demonstrated that,
starting at elongations just beyond the yield point,
partial melting—recrystallization is involved over the
2262
complete deformation range [50—52]. Similar scatter-
ing studies through the yield region have not as yet
been reported. However, the investigations of Har-
rison and co-workers [53—56] and of Gent and co-
workers [57, 58] supported the concept of the partial
melting—crystallization mechanism during yielding.
These latter studies pointed out that consideration
needs to be given to other possible mechanisms for
yielding, besides crystallographic type changes within
the crystallite interior. In semicrystalline polymers, the
stress must be transmitted through disordered, liquid-
like and interfacial regions, as well as the ordered
crystalline region. From the experimental results and
theoretical implications, a unique mechanism cannot
be assigned to the yielding process.

3.4. Draw ratio after break
The important ultimate property, the draw ratio
k
B
, after break, is plotted against the deformation

temperature in Fig. 5. Fig. 5a represents the data
Figure 5 (a) Plot of draw ratio k
B
, after break, against deformation temperature for linear polyethylenes. (j), curve 1, sample A, slowly cooled;

(r), curve 2, sample A, crystallized at 128.5 °C for 17 days; (.), curve 3, sample B, quenched at !78 °C; (m), curve 4, sample B, crystallized at
125 °C for 30 min; (n), curve 5, sample C, slowly cooled; (d), curve 6, sample D, slow cooled; (s), curve 7, sample D, crystallized at 120 °C for
30 min; (J) curve 8, sample E, slowly cooled. (b) Plot of draw ratio k

B
, after break, against deformation temperature for branched

polyethylene. (s) sample F, slowly cooled; (n), sample G, quenched at !78 °C; (h), sample H, slowly cooled.



for the homopolymers, while Fig. 5b shows those for
the branched polymers. The curves for the branched
polymers, all of which behave as copolymers from the
point of view of crystallization behaviour, are quantit-
atively very similar to one another. These polymers
show a slight, almost linear increase in k

B
up to a

deformation temperature of about 30 °C. One of the
main characteristics of these plots, a broad maximum
in the range of about 30—80 °C, then appears. A sharp
decrease in k

B
then follows as the melting temper-

atures are approached. The temperature interval of
the broad maximum corresponds to the region where
fusion is initiated and a significant amount of melting
takes place (see Fig. 1b). The temperature range where
the fusion process becomes accelerated, as the melting
point is approached, corresponds to the decrease in
k
B

with increasing temperature.
The temperature dependences of k

B
for the linear

polyethylenes are quite different from those for the
branched polymers. The highly crystalline specimen of
sample A is brittle at temperatures below 75 °C and
shows a unique behaviour (curve 2). All the other
samples are ductile. The results for these samples fall
into two main groups. At the lower deformation tem-
peratures, the k

B
values of all the ductile samples are

similar to one another and comparable with those of
the branched polymers. Only slight increases are
observed in k

B
up to temperatures of 20—40 °C. Start-

ing in this temperature interval the behaviours of the
ductile polymers begin to differ. This temperature
range of 20—40 °C corresponds to the onset of melting
as is observed dilatometrically. This temperature,
defined as ¹

*
, is indicated in Fig. 1 and is listed in the

ninth column in Table II. Starting at about 20—30 °C,
polymers having molecular weights equal to or less
than 500 000 show a distinct rise in k

B
with temper-

ature (curves 1,3 and 4). A maximum is reached for
each sample in this group in the vicinity of 80—100 °C,
depending on the polymer. A precipitous decrease in
k
B

then occurs at the higher deformation temper-
atures. The temperature of the maximum in k

B
corres-

ponds to the upsweep in the level of crystallinity with
increasing temperature. The drop in k

B
corresponds to

the temperature where about half the initial amount of
crystallinity has melted. This temperature, also in-
dicated in Fig. 1, is listed in the tenth column in
Table II. Maxima have also been observed for mo-
lecular weights lower than those reported here [59].
There appears to be a tendency for the temperature
that corresponds to the maximum to increase with
increasing molecular weight. An effect of the strain
rate on the location of the maximum has also been
observed [59].

The temperature dependences of k
B

for the three
highest-molecular-weight polymers studied, repre-
sented by curves e, g and h, are quite different from
those of the lower-molecular-weight polymers. For
these high molecular weights the pronounced upsweep
in k

B
with increasing deformation temperature is no

longer observed. Instead of rising to a maximum with
increasing deformation temperature and then decreas-
ing as the temperature is raised further, a rather broad
plateau is observed in k

B
. Curve 5, representing
Sample C (M
w
K1]106), is intermediate between the

two extremes described. Starting at about 25 °C an
increase in k

B
with increasing temperature is observed.

This temperature corresponds to the onset of melting.
A maximum is not reached at this strain rate up to
a deformation temperature of 130 °C. However, the
rate of increase in k

B
with the deformation temper-

ature becomes greater with increasing temperature
and portends to the distinct possibility that a max-
imum will be reached at a higher temperature.

The sample of polymer A that was isothermally
crystallized to a degree of crystallinity of 0.90 on
a density basis behaves quite differently from the
others, as is illustrated by curve 50.8 mm Fig. 5a. This
sample is brittle up to a deformation temperature of
75 °C. The draw ratio begins to increase above this
temperature, indicating the onset of some element of
ductility. This temperature corresponds to the initia-
tion of melting as observed by dilatometry (see
Table II). The fact that k

B
does not reach comparable

values as the same polymer crystallized more rapidly
to a lower crystallization level indicates that the defor-
mation is still in the transition region.

Qualitatively similar relations between k
B

and the
deformation temperature, for linear polyethylene sam-
ples having weight-averaged molecular weights less
than 2]106 have been reported [38, 59, 60]. Capaccio
et al. [61] only observed the upsweep portion of the
curve in this molecular weight range, for deformation
carried out at the faster draw rate of 101.6 mmmin~1.
Jarecki and Meier [62] found qualitatively similar
results for two linear polyethylenes in the lower mo-
lecular weight range at a draw rate of 50.8 mmmin~1.

The observed maximum requires the involvement of
at least two mechanisms, each with a different temper-
ature dependence. We have seen that for the lower
molecular weights, where maxima are observed at the
strain rate used here, a direct correlation can be made
between the k

B
—temperature relation and the course of

fusion. The fusion curves of the higher-molecular-
weight samples are qualitatively very similar to those
for the lower molecular weights, although the exist-
ence of maxima are only suggested. They are certainly
not as distinct as are found in the lower-molecular-
weight region. Therefore, the mechanisms involved
have different molecular weight dependences and also
depend on the strain rate.

A theoretical development directed to the under-
standing of the ultimate properties in a tensile-type
deformation has been given by Termonia and Smith
[63—66]. The model for the initially undeformed
semicrystalline polymer is a network of entangled
chains in random conformation. The presence of the
crystallites is tacitly ignored in this theory. Two Eyr-
ing-type activated rate processes, each with its own set
of constants, are assumed to govern the deformation.
One of the postulated processes involved the breaking
(but not re-forming) of the van der Waals interaction
between the disordered chain units. The other process
was assumed to involve slippage of chains through the
entanglements. A simulation was thus carried out on
an array of entanglements points, using Monte Carlo
methods. Of particular interest to the problem at hand
2263



is the predicted dependence of k
B

on the deformation
temperature. Calculations, based on the theory, for
molecular weight fractions show a very sharp essen-
tially peaked, or spiked, maximum [63]. The temper-
ature of the maximum depends on the strain rate. This
expectation was confirmed by the results from one
molecular weight fraction and a polydisperse sample
[66]. It was stated that the maximum broadens as the
polymer becomes more polydisperse. This conclusion
is in qualitative accord with the observations reported
here.

In an actual tensile deformation the initial isotropic
semicrystalline system is transformed to an oriented
fibrillar system. It is suggested, therefore, that a more
realistic pair of mechanisms for the deformation past
yield, each still following Eyring-type activated
processed, can be postulated. On that follows the
suggestion of Flory and Yoon [49] is that a partial
melting—recrystallization process takes place. This
mechanism would replace the breaking of van der
Waals bonds. The other would be the deformation of
the amorphous rubber-like region, with the entangle-
ments serving as effective cross-links. Two Eyring-
type processes would still be involved and the formal-
ism of the theory could still be applied to the ultimate
properties. Only the values of the parameter involved
will change according to the specific processes
assumed. The two mechanisms will obviously have
different temperature coefficients and hence a max-
imum in k

B
will result. It would be expected that the

contribution from the rubber-like deformation would
be more molecular weight dependent since the en-
tanglement density per chain would increase with in-
creasing chain length. Hence the temperature of the
maximum should increase with increasing molecular
weight, at a constant strain rate, as is observed. The
partial melting—recrystallization mechanism is consis-
tent with the correlation that has been found between
the course of fusion and the dependence of k

B
on the

deformation temperature. It should not be as molecu-
lar weight dependent as the deformation of the non-
crystalline region. The correlation that has been found
here between k

B
, the deformation temperature and the

course of fusion is important in understanding the
processes that are involved.

The character of the curves in Fig. 5 make clear that
it would be very misleading to draw any general
conclusion regarding the overall deformation by limit-
ing studies to only one molecular weight, or distribu-
tion, and one deformation temperature. It is clear that
the process is very dependent on molecular weight and
deformation temperature. Quite different results can
be obtained as these variables are altered, at a con-
stant strain rate, despite the fact that the crystallogra-
phy, as represented by the unit cell, is the same in all
the situations. A similar conclusion is reached when
the strain rate is varied [59, 63]. Thus, a variety of
factors are involved that need to be separated from
each other.

Plots are given in Fig. 6 of k
B

against M
8

for differ-
ent deformation temperatures. At the lower molecular
weights there is a relatively large change in k

B
with

deformation temperature for a given polymer.
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Figure 6 Plot of draw ratio, k
B
, against weight-averaged molecular

weight, M
8
, for indicated temperature for linear polyethylene.

For example, k
B

for the slowly cooled sample A
(M

8
"1.5]105) varies from a value of less than 2 at

!80 °C to 31 at #80 °C. At 25 °C, k
B

is equal to
about 10 for this polymer. The polymers in this range
are undergoing a brittle-to-ductile transition as the
temperature is raised. This transition has been shown
to be very sensitive to the crystallinity level and occurs
over only a small change in this quantity [5]. In
contrast, the k

B
values of the ductile high-molecular-

weight samples at high temperatures approach, or are
very close to, the low-temperature values. In turn, the
low-temperature values are invariant with molecular
weight. In contrast with the lower molecular weight
polymers, k

B
for sample C (M

/
"2]106) only varies

from 1.4 at !80 °C to 6.6 at 80 °C and has a value of
only about 3 at 25 °C. This behaviour is clearly quite
different from that of sample A. There are several
different reasons why the high-molecular weight
k
B

values are close to one another as a function of
temperature. The fact that the k

B
values for all

molecular weights are very close to one another at
low temperatures is a consequence of the proximity of
the deformation temperature to the glass temperature.
The relatively low values of k

B
at the higher temper-

atures, for the ductile high-molecular-weight poly-
mers, are due to the relatively high number of
entanglements per chain. This in turn retards the
deformation of the rubber-like region. In the ductile
region, k

B
decreases with increasing M

8
, as has been

noted previously [3, 6].

3.5. Ultimate tensile strength
The TUTS, calculated in the manner that was
described, is plotted as a function of temperature, in
Fig. 7a and b for the linear and branched polymers
respectively. The TUTS is remarkably constant for
each of the linear polymers in the deformation temper-
ature range from !100 °C to 0 °C. However, there is
a significant difference in the stress levels between the
polymers. Above 0 °C, the trends in the TUTS are
similar to those described in Fig. 5 for k

B
and can be

categorized in a similar manner. This is not an unex-
pected result since the calculated TUTS is influenced



Figure 7 (a) Plot of TUTS against deformation temperature for linear polyethylenes. (j), curve 1, sample A, slowly cooled; (e), curve 2,
sample A, crystallized at 128.5 °C for 17 days; (.), curve 3, sample B, quenched at !78 °C; (m), curve 4, sample B, crystallized at 125 °C for 30
min; (n), curve 5, sample C, slowly cooled; (d), curve 6, sample D, slowly cooled; (=), curve 7, sample D, crystallized at 120 °C for 30 min; (J)
curve 8, sample E, slowly cooled. (b) Plot of TUTS against deformation temperature for branched polyethylene. (s) sample F, slowly cooled;
(n), sample G, quenched; (h), sample H, slowly cooled.
by the ultimate cross-sectional area of the sample,
which in turn decreases as k

B
increases.

In analogy to the results with k
B
(Fig. 5) a maximum

is observed in Fig. 7a for the lowest-molecular-weight
linear polymers in the ductile region. This molecular
weight range is characterized by a modest number of
entanglements per chain so that relatively large defor-
mations can be attained, resulting in a high extent of
chain orientation. At temperatures above the max-
imum, continuous partial melting and oriented recrys-
tallization dominates, which in turn results in
a decrease in the stress. The results for sample C
(M

8
K1]106) (curve 5 in Fig. 7) only show a very

weak maximum. The results for this molecular weight
serve as a demarcation between the behaviour of the
lower molecular weights and the very-high-molecular-
weight linear polymers studied. If maxima exist for
samples D and E, (M

8
"2]106 and 8]106, respec-

tively), they are barely perceptible. The high entangle-
ment density per chain at these molecular weights
retards the deformation of the non-crystalline portion
of the system. The stress induced crystallization at the
higher temperature causes a decrease in stress at the
highest crystallization temperature. The gradual de-
crease in stress observed in Fig. 7b for the branched
polymers, at deformation temperatures above 0 °C,
can also be attributed to the domination of melting
and stress-induced crystallization.
3.6. Force—elongation curves
The impression has been created that there is a unique
force—elongation curve for semicrystalline polymers in
general, and for the polyethylenes in particular
[67, 68]. However, this concept has been dispelled by
more recent work [3—6]. Since the yield stress and
ultimate properties depend very strongly on molecular
weight, the structural regularity of the chain and the
deformation temperature, one would expect to ob-
serve a variety of force—length curves that have quite
different characteristics. This expectation is indeed
fulfilled. To examine these curves in a convenient and
systematic manner we use the qualitative description
of categories that was introduced previously for defor-
mations carried out at room temperature [3].

Fig. 8 gives an example of the force—length curves,
at different temperatures, for polymers that fall into
category I at room temperature. At a deformation
temperature of 0 °C, and below, the curves are charac-
terized by a very sharp yield point, followed by a short
plateau with increasing elongation and a limited range
of strain hardening prior to break. This behaviour is
consistent with the small values of k

B
that are ob-

served at these low temperatures for polyethylenes in
this class. No distinct neck is observed at the low
deformation temperature. As the temperature is in-
creased above 0 °C, the yield point is not quite as
sharp and a diffuse neck develops. A much broader
2265



Figure 8 Plot of force against extension ratio, k, for sample B quenched at !78 °C at indicated deformation temperatures.

Figure 9 Plot of force against extension ratio, k, for sample D crystallized at 120 °C for 30 min at indicated deformation temperatures.
strain-hardening region develops which results in
a larger value of k

B
. At deformation temperatures

greater than the maximum in k
B
, the neck, as observed

visually, becomes less distinct. The strain-hardening
region also becomes less well defined. Quite strikingly,
the yield point becomes very diffuse. Similar changes
have also been observed in force—elongation curves at
room temperature with ethylene—a olefin copolymers
as a function of increasing co-unit content and
decreasing crystallinity level and for linear polyethy-
lenes as the molecular weight increased [3, 6, 7].

A set of force—elongation curves for a high molecu-
lar weight sample is given in Fig. 9. The characteristics
at room temperatures place this polymer in category
III. The yield points, at room temperature and below,
are not nearly as distinct as the results in Fig. 8 for
a lower-molecular-weight sample. They become more
diffuse with increasing deformation temperature as
compared with the lower-molecular-weight sample of
category I. The sharpness of the neck can be corre-
lated with the sharpness of the yield point. Typical
2266
force—elongation curves for the highly crystalline
(1!k)

$
"0.90 sample A is given in Fig. 10. At defor-

mation temperatures of 75 °C and less the yield point
is very sharp; brittle fracture occurs with k

B
slightly

greater than 1. This behaviour is illustrated by the
force—elongation curve at 75 °C. At higher temper-
atures, after some melting has ensued, the yield
becomes more diffuse. The value of k

B
indicates that

the deformation is in the transition region [5]. There is
no indication of any strain hardening at the higher
deformation temperatures.

Force—elongation curves for the ethylene—butene
copolymer are given in Fig. 11 for different deforma-
tion temperatures. The general characteristics of these
curves are similar to those of the high-molecular-
weight linear polyethylene, shown in Fig. 9, parti-
cularly in the strain-hardening region. The depth of
the yield point is, however, much greater than is found
for the high-molecular- weight linear polymers. How-
ever, in contrast with linear polyethylenes of compara-
ble molecular weight a distinct neck is visible at all



Figure 10 Plot of force against extension ratio, k, for sample A cry-
stallized at 128.5 °C for 17 days, at indicated deformation temper-
atures.

temperatures below ambient. The strain harden-
ing—deformation temperature behaviour is compara-
ble with that of linear polyethylenes of much higher
molecular weights.

The enhanced strain hardening of high-molecular-
weight linear polyethylene can be attributed to the
large number of entanglements per chain and the
resulting retardation of the rubber-like deformation.
However, for one random-type copolymer, hydro-
genated polybutadiene, it has been determined that
the molecular weight between entanglements is
greater than its linear counterpart [69]. Therefore, the
deformation in the strain-hardening region for
copolymers cannot be attributed to an enhanced
modulus of the rubber-like regions. Another mecha-
nism must be involved. A likely possibility is strain-
induced crystallization. Such a process would enhance
the strain hardening [70]. Therefore, there appear to
be at least two possible structural bases for strain
hardening. The contribution of each will be dependent
on the structural characteristic of the chain.

4. Conclusions
The studies of the temperature dependence of tensile
properties has enabled some general conclusions to be
made with regard to the role of molecular constitution
and the key structural parameters in the deformation
process. The companion dilatometric studies have
enabled a direct comparison to be made with the level
of crystallinity and its changes with temperature.

At temperatures just above the glass temperature,
the yield stresses of all the polymers are very close to
one another, irrespective of whether they are linear or
branched or their levels of crystallinity. At temper-
atures above the glass temperature, the yield stresses
of the branched polymers delineate the same curve,
reflecting the similarity in the crystallinity levels of
these chains. On the other hand, in this temperature
range the linear polyethylenes define separate curves
that depend on the crystallinity level. The data for the
linear polyethylenes converge at low levels of crystal-
linity for temperatures greater than 90 °C and become
indistinguishable from one another as their respective
melting temperatures are approached. These results
indicate that the dominant structural factors at small
deformations are the crystallite and associated
regions. However, although the predicted order of
magnitude is correct, the observed yield stress—tem-
perature relations cannot be explained by the disloca-
tion theory that has been developed to explain
yielding.

At large deformations, there is a direct dependence
on the molecular weight and the changing level of
crystallinity. At least two competing mechanisms must
be involved in this deformation region. The results can
be qualitatively explained by postulating a partial
melting—recrystallization process and a rubber-like
deformation of the non-crystalline region. Strain-in-
duced crystallization could also be involved. The ex-
tensive experimental results that have been presented
can serve as a basis for a more quantitative theoretical
development based on molecular and structural fac-
tors.
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